Plastic deformation throughout strain-induced phase transformation in additively manufactured maraging steels by Shamsdini, Seyed Amir Reza et al.
Materials and Design 198 (2021) 109289
Contents lists available at ScienceDirect
Materials and Design
j ourna l homepage: www.e lsev ie r .com/ locate /matdesPlastic deformation throughout strain-induced phase transformation in
additively manufactured maraging steelsSeyedAmirReza Shamsdini a,⁎, M.H. Ghoncheh a, Mehdi Sanjari a,b, Hadi Pirgazi c, Babak Shalchi Amirkhiz b,a,
Leo Kestens c, Mohsen Mohammadi a
a Marine Additive Manufacturing Centre of Excellence, University of New Brunswick, Fredericton, NB E3B 5A1, Canada
b CanmetMATERIALS, Natural Resources Canada, Hamilton, ON L8P 0A5, Canada
c Department of Electromechanical, Systems and Metal Engineering, Ghent University, Ghent, BelgiumH I G H L I G H T S G R A P H I C A L A B S T R A C T• After the phase transformation retained
γ remains along the cell boundaries, and
the area is enriched by the solute atoms
• Strain-induced phase transformation is
responsible for the variation of strain
hardening rate under uniaxial tensile
test
• The fracture area shows a fullymartens-
itic structure, fine grains, a high fraction
of LAGBs and high dislocation density⁎ Corresponding author.
E-mail address: sshamsdi@unb.ca (S. Shamsdini).
https://doi.org/10.1016/j.matdes.2020.109289
0264-1275/Crown Copyright © 2020 Published by Elseviea b s t r a c ta r t i c l e i n f oArticle history:
Received 7 October 2020
Received in revised form 29 October 2020
Accepted 31 October 2020
Available online 2 November 2020
Keywords:
18Ni-300 Maraging steel
Laser powder bed fusion (LPBF)
Layer thickness
Austenite (γ)
Martensite (ά)A comprehensive study was intended to show the microstructural features of additively manufactured (AM)
18Ni-300maraging steel. Uniaxial tensile testswere conducted on specimens built using laser powder bed fusion
(LPBF) technique for two different powder layer thicknesses. The specimens were built to have the lowest pos-
sible porosity, and tensile tests showed two stages of strain hardening. In stage I, the dislocation density in-
creased, leading to a positive strain hardening rate. A negative strain hardening rate due to the necking effect
was then followed in stage II. X-ray diffraction (XRD) analyses revealed a phase transformation through the de-
formation. Various analyses via electron backscattered diffraction (EBSD) technique was then conducted with
large scans over three different zones representing undeformed, deformed, and severely deformed close to the
fracture area. The pole figures and orientation distribution functions (ODF) revealed a texture evolving through
the deformation process in agreement with the kernel averagemisorientation (KAM) and grain boundary maps.
Transmission electronmicroscopy (TEM)was used to detect the inclusions and segregated alloying elements ad-
jacent to the fractured surfaces. Results indicated that the deformation led to diminishing the austenite (γ) phase,
while the transformed austenite sourced the high dislocation density area at cell boundaries.
Crown Copyright © 2020 Published by Elsevier Ltd. This is an open access article under the CC BY-NC-ND license
(http://creativecommons.org/licenses/by-nc-nd/4.0/).1. Introduction
Additively manufactured (AM) maraging steels have been recently
received considerable attention due to their superior mechanical prop-
erties aswell as their excellent manufacturability [1]. Coexistence of ther Ltd. This is an open access article umartensite (ά) phase and well-dispersed nano-precipitates results in
ultra-high-strength and hardenability accompanied by a high level of
machinability, which is attractive to the automotive and aerospace in-
dustries [2]. Over the last couple of years, the progress in laser additive
manufacturing in terms of machine capabilities and process parameters
has led to the development of products with exceptional mechanical
properties compared to conventional counterparts [3]. In this regard,
optimization of the process parameters brings a higher probability ofnder the CC BY-NC-ND license (http://creativecommons.org/licenses/by-nc-nd/4.0/).
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defects, e.g. hot cracking, keyholes, shrinkage, and gas porosities [4].
In AMmaraging steels, reheating cycles during consecutive powder
layer depositions induces a quasi-dynamic ageingphenomenon [5]. This
artificial ageing results in the formation of fine precipitates through the
heat-affected zones, and subsequently, higher strength of the as-built
AM product compared to the conventionally cast parts [6]. Despite the
comprehensive studies on the heat-treated AM samples [5–8], the mi-
crostructural and mechanical behaviour of the as-built products has
been overlooked. The as-built product mainly contains the body-
centred cubic (BCC) martensite (ά) and a small fraction of the face-
centred cubic (FCC) austenite (γ) phase [5]. According to the Fe–Ni
phase diagram, at almost 18 wt% Ni, γ is thermodynamically stable
over a wide temperature range between the peritectic (1716 °C) and
eutectoid (688 °C) transformations, while the ά phase is expected to
athermally form from γ at temperatures below 870 °C [9,10]. Due to
the high contents of Ni as a strong γ-stabilizer and ultra-high cooling
rate during laser powder bed fusion (LPBF), a small portion of retained
γ is always expected to remain at ambient temperatures [8]. This
phase can be nucleated and grown during the ageing process as well,
known as reverted γ [11]. The higher amount of reverted austenite
results in higher ductility and toughness and prevents premature fai-
lure [12]. The amount of retained γ inversely affects the strength and
hardness of the as-built maraging steel, while increases its ductility
[13] [14]. The plastic deformation, on the other side, can also cause
γ → ά transformation [15] [16]. The strain-induced phase change,
also known as transformation induced plasticity (TRIP), was pre-
viously studied in the Fe-Cr-C system, and the role of reverted auste-
nite on stopping cracks from penetrating the martensite laths was
discussed [12].
The AM maraging steels typically show a hierarchical grain struc-
ture, where the ά laths form inside the prior austenite grains (PAG) in
the style of blocks and packets [17] [18]. Besides, a synergy between
consecutive reheating cycles and rapid cooling during the LPBF process
leads the grains to grow along the build direction and perpendicular to
themelt-pool boundaries [19] [20]. This directional growth leads to an-
isotropy, which is another reason for higher mechanical strength per-
pendicular to the building direction compared to the conventional
manufacturing methods [21]. The plastic deformation as another factor
affecting the grain structure is also needed to take into account.Multiple
studies have been conducted to discuss the effects of texture evolution
during deformation in 18Ni maraging steels [9] [22] [23] [24]. Reis
et al. [9] observed the martensite to austenite phase transformation
due to creep for 18Ni maraging steel resulting in ductile failure.
Ahmed et al. [22] performed a deformation study on cold-rolled 18Ni
maraging steel studying the magnetic properties due to phase transfor-
mation. Beres et al. [23] investigated the hydrogen embrittlement of
maraging steels and concluded that the austenite grain size affects the
failure mechanism. Figueiredo et al. [24] studied the texture of the
forged 18Ni maraging steel in different depths from the forged surface.
They observed an increase in theα andγfibreswith increasing depth as
well as the lowest strain in the surface.
Due to the novelty of the AM process compared to conventional
manufacturing methods, a thorough study on the deformation of addi-
tively manufactured products is needed. The mutual effect of the AM
process and plastic deformation on the strain-induced phase transfor-
mation and mechanical behaviour of the as-built AM 18Ni-300
maraging steel has been conducted in the current study. In order to in-
vestigate the role of the AM process, the powder layer thickness is cho-
sen as a variable parameter, while the effect of plastic deformation is
recognized by employing the uniaxial tensile testing. Since the volume
fraction of retained γ is different between the AM and conventionally
cast steels [8], the TRIP effect of the AM 18Ni-300maraging steel is nec-
essary to be evaluated. Thus, a thorough study on the strain-induced
phase transformation in the as-built 18Ni-300maraging steel is investi-
gated in this research.2
2. Experimental procedure
2.1. Material and manufacturing process
Gas atomized 18Ni-300 maraging steel powder was deposited to
produce horizontally printed cylindrical bars via an EOSM290machine.
The chemical composition of the powder is given in Table 1. A scanning
beamwith 100 μm spot size was emitted by a 400W Yb-fibre gun dur-
ing the manufacturing process, and pure nitrogen gas (99.999%) was
continuously purged into the chamber. The LPBF technique was chosen
to deposit and fuse powder layers on a build plate preheated at 40 °C,
where a 67° strip scanning strategy was applied between successive
layers. Powder deposition was carried out at two powder layer thick-
nesses of 40 μmand 50 μm (designated as LPBF-40 and LPBF-50) to fab-
ricate the cylindrical bars with 12 mm and 120 mm in diameter and
length, respectively. The laser power and scanning speed used for
LPBF-40 samples were 285 W and 960 mm/s, while the LPBF-50 sam-
ples were made using 305 W power and 1010 mm/s scanning speed.
The hatch distancing of 110 μm was used for both cases.
A mapping technique was used to measure the porosity. In this
method, the polished surface's optical microscopy (OM) image was an-
alyzed and based on the contrast between the basemetal and the pores,
the porosity fraction was calculated. High magnification images were
collected through a Zeta-20 OM, and the area fraction was measured
over the entire surface. The top surface was ground and polished, and
the measurement was conducted over multiple layers through the
depth. The average value was reported as the overall porosity level.
2.2. Sample preparation and tensile testing
Specimens for the uniaxial tensile testingweremachined according
to the E8/E8M ASTM standard [26]. Through a quasi-static strain rate,
the tensile tests were performed using a universal hydraulic Instron
1332 machine. The elongation was measured using a 25 mm exten-
someter at a 9 × 10−3 s−1 strain rate, and the tests were conducted
at room temperature. As shown in Fig. 1, the building direction along
the z-axis was perpendicular to the loading direction. Samples were
cross-sectionally cut into three pieces of undeformed (zone A), de-
formed (zone B), and severely deformed (zone C) via an electrical dis-
charge machine (EDM). In this regard, the undeformed piece was
collected from the part fixed within the grips, while the deformed
and severely deformed pieces were taken from locations near the
gauge shoulder and fracture area. Afterward, samples were mounted,
ground through 300–4000 grits SiC sandpapers, and regularly polished
using 6.0–0.05 μm polish cloths.
2.3. Phase identification
X-ray diffraction (XRD) technique was used to identify phases in the
samples collected from A and C zones. A Brucker D8 instrument with a
Co-Kα radiation source working at 45mA and 35 kVwas used to collect
the data over 45 < 2θ < 130° with a rotation speed of 60 deg./min,
and the intensity of peaks was measured using the Rietveld analysis
technique.
2.4. Electron microscopy
EBSD measurements were conducted using an FEI QuantaTM 450
FEG-SEM microscope to study the grain size and orientation and the
area fraction of low- and high-angle grain boundaries (LAGBs and
HAGBs) in zones A, B, and C. The EBSD studies were carried over a
zone within 1400 × 500 μm2 with a step size of 500 nm located at the
x-y plane specified in Fig. 1. The diffraction patterns were also collected
using the TSL® OIM data collection software and were post-processed
by the OIM data analysis software. The crystallographic textures were
calculated by harmonic series expansion with truncation at L = 16.
Table 1
Chemical composition of the powder used in the DMLS process [25].
Element Fe Ni Co Mo Ti Al Cr Cu C Mn Si P S
Max % Bal. 19.00 9.50 5.20 0.80 0.15 0.50 0.50 0.03 0.10 0.10 0.01 0.01
Min % Bal. 17.00 8.5 4.50 0.60 0.05 – –
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NanoLab 650 dual beam instrument was utilized to collect a thin piece
of the sample at the vicinity of the fracture area (zone C). The effect of
plastic deformation on the volume fraction of the γ phase was assessed
in detail with an FEI Tecnai Osiris TEM apparatus that was equipped
with a 200 keV X-FEG gun.
3. Results
Fig. 2 shows the OMmicrographs of the polished surfaces alongwith
the average porosity levels. Fig. 2 (a) shows the LPBF-40 sample with a
low fraction of porosity, while Fig. 2 (b) shows the LPBF-50 sample with
a higher average porosity level compared to the former case. In both
cases, the pores sizes are very small (under 50 μm), and the overall po-
rosity level shows an almost fully dense material.
Fig. 3 shows the true stress-strain and strain hardening curves for
the LPBF-40 and LPBF-50 samples. The LPBF-40 sample elucidates a
combination of the higher ultimate tensile strength (UTS) and better
ductility, which brings higher energy absorption before failure. The
total strain and UTS values in the LPBF-40 and LPBF-50 are almost
14.39% - 1278 MPa and 11.76% - 1265 MPa, respectively. However,
their stress-strain curves present a consistency within the initial 4%
elongation, where the materials are exposed to elastic-homogeneous
plastic loading condition. The difference in elongation percentage has
mostly occurred after the peak stress, where the structural defects
such as porosities and microcracks start to nucleate, coalesce and
grow. It seems that the LPBF-40 structure is more integrated than the
LPBF-50 one. As another observation, the LPBF-50 sample shows a
sharp drop in its stress values right before the fracture. This trend was
reported by Rusinek and Martinez [27] as a deformation step in which
a high volume fraction of porosities is being coalesced to form micro-
voids. In the current study, a slight increase in the tensile strength com-
pared to the literature was achieved, which is presented in Fig. 4
[5,28–30]. In this Figure, ultimate tensile strength versus the fractureFig. 1. Schematically design of the tensile test sa
3
strain is presented for 18Ni-300 maraging steels produced using both
additive and conventional manufacturing techniques.
Due to the highly anisotropic texture resulted from the directional
grain structure, the AM products typically show higher strength than
those conventionally cast and solidified [29]. By focusing on the strain
hardening curves, it is confirmed that change in the powder layer
thickness does not affect the rate of strain hardening; however, it
just shifts the critical point of dσ/dε = 0 from 6% strain in the LPBF-
40 sample to 4% in the LPBF-50 one. This point is following the peak
stress where a balance between strain hardening and geometric soft-
ening takes place.
Fig. 5 illustrates the EBSD results of the LPBF-40-A and LPBF-50-A
samples, including inverse pole figures, orientation distribution func-
tion (ODF), and pole figures (PF) of the texture analyses. The inverse
pole figures show the melt-pool boundaries (curved dash lines) and
the crystallographic orientation of grains over a large scan area. The ori-
entation is random for both cases, which can be attributed to grains
renucleation during repetitive reheating cycles. As a comparison be-
tween two structures, the LPBF-40-A contains a combination of grains
oriented along the 〈100〉 and 〈111〉 directions, while the LPBF-50-A re-
veals a higher fraction of grains preferentially oriented along the 〈100〉
direction. The (001) pole figures in Fig. 5 (c, d) show peaks in the center
in both cases. The pole figures are in agreement with the ODF plots
shown in Fig. 5 (e, f). In Fig. 5 (e, f), highly intensified components of
{100} θ-fibre are observed. The {111} γ-fibre components are intensi-
fied in the LPBF-40-A samples. However, the LPBF-50-A shows weaker
γ-fibre components comparatively.
Fig. 6 shows the XRD patterns for the undeformed and severely de-
formed samples for both cases of powder layer thickness. The LPBF-
40-A sample is reported to have a lower γ volume fraction (4.6%) than
the LPBF-50-A case (5.1%). The γ peaks shown in Fig. 6 have been disap-
peared in the LPBF-C samples, in agreement with the elimination of the
γ phase through the strain-induced γ → ά phase transformation. It is
noteworthy that, no traces of hcp-martensite were depicted in themple showing the powder layer thickness.
Fig. 2. OMmicrographs showing porosity in (a): LPBF-40, (b): LPBF-50.
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study has a substantially high percentage of alloying elements, it
shows γ to the ά phase transformation due to plastic strain, similar to
the low alloy ferritic bainitic steels (L-TRIP) [32]. It turns out that a
strain-induced transformation can also prevent premature failure,
while a complete transformation of γ to ά may occur in lower strains
[12,13]. Similarly, in the current study, the material has gone through
a complete phase transformation before the fracture.
Fig. 7 shows the collected EBSD data of zone B near the gauge shoul-
der, which is partially exposed to plastic deformation. Melt-pools are
identified and marked in Fig. 7 (a, b) by curved dash lines. The size of
the melt-pools is the same as those observed in zone A (Fig. 5). Like
the undeformed cases in Fig. 5, components of the θ-fibre{100} and γ-
fibre{111} are observed in the zone-B for both LPBF-40 and LPBF-50
samples. Although the pole figures that are shown in Fig. 7 (c) andFig. 3. Tensile stress-strain curves and the co
4
(d) look similar, the intensities are weaker in the zone-B compared to
zone-A (see Fig. 5). The {111} components observed in the ODF plot in
Fig. 7 (e, f) are similar for both LPBF-40 and LPBF-50 cases and agree
with the pole figure plots showing similar grain orientation for LPBF-
40-B and LPBF-50-B samples.
Fig. 8 represents collective EBSD data of zone C, which is neigh-
bouring to the fracture area. As shown in Fig. 8 (a, b), the grains are
drawn along the load direction resulting in the semi-oval shape of the
melt-pools. Fibrous textures are observed in the EBSD pole figures and
shown in Fig. 8 (c, d). Fig. 8 (e, f) show the φ2 = 45° section of the
ODF designated by θ-fibre {100} and γ-fibre {111} planes. The (111)
[121] and (111)[112] peaks show the θ-fibre components, while (001)
[110] and (001)[110] represent γ-fibre. The peaks in the {001} family
planes are not a considerable concern due to the high vulnerability ofrresponding strain hardening variation.
Fig. 4. Ultimate tensile strength versus fracture strain for 18Ni-300 maraging steels
produced using both additive and conventional manufacturing techniques [5,28–30]. Fig. 6.XRD pattern for the 18Ni-300 deformed and undeformed samples in zones A and C.
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the BCC structure [33]. It is also possible that the intergranular fracture
initiates from the porosities at the vicinity of the cell boundaries and de-
flects through the {001} planes [23].Fig. 5. (a, b): IPF of LPBF-40-A, LPBF-50-A, (c, d): Pole figures of LPBF-40-A and LP
5
Fig. 9 displays the grain boundaries and the area fraction over differ-
ent sectioned zones in the LPBF-40 and LPBF-50 samples. High angle
grain boundaries (HAGBs) categorized as the 2D structural defect with
15–64.7° misorientation angles are pointed out in black colour, whileBD-50-A, (e, f): ODF of LPBF-40-A, LPBF-50-A, (g): ODF key components [31].
Fig. 7. (a, b): IPF of LPBF-40-B, LPBF-50-B, (c, d): Pole figures of LPBF-40-B and LPBD-50-B, (e, f): ODF of LPBF-40-B, LPBF-50-B.
Fig. 8. (a, b): IPF for LPBF-40-C, LPBF-50-C, (c, d): Pole figures for LPBF-40-C and LPBD-50-C, (e, f): ODF for LPBF-40-C, LPBF-50-C.
S. Shamsdini, M.H. Ghoncheh, M. Sanjari et al. Materials and Design 198 (2021) 109289
6
Fig. 9. EBSD grain boundary maps in three different zones shown for (a, b): LPBF-40-A, LPBF-50-A, (c, d): LPBF-40-B, LPBF-50-B, and (e, f): LPBF-40-C, LPBF-50-C.
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within 3–15° are shown in light green colour. In both cases of the pow-
der layer thickness, the plastic deformation results in more number and
higher length of the LAGBs. As Sangid et al. showed [34], the GBs with
lower interfacial energy, such as the values expected in LAGBs, offer a
more substantial barrier against slip transmission. Regarding this fact,
the as-built structure of the LPBF-40-A sample with a lower fraction of
LAGBs compared to the LPBF-50-A zone is supposed to be more resis-
tant against the dislocations slip during the uniaxial tensile testing.
This trend is also observed in the deformed LPBF-B zones. Therefore,
the LPBF-40 sample reveals more strain hardenability, which brings it
a higher UTS value than the LPBF-50 one. The above observation is in
good agreement with the results in Fig. 3. The LAGBs are suitable sites
to accumulate and tangle the dislocations. Subsequently, an increase
in the LAGBs in zone C is a shred of evidence showing the high density
of dislocations in Fig. 9 (e, f) [35].
Fig. 10 shows Kernel Average Misorientation (KAM) technique in
zones A-C. The KAM results are used to measure the local grain misori-
entation, where the more dislocation density leads to higher KAM
values. It can also be employed to investigate the local lattice distortion,
localized deformation, and stored strain energy in grains [36] [37]. The
LPBF-40 and LPBF-50 samples in zones A and B present a semi-
homogenous distribution of KAMmajorly ranged at intermediate inten-
sities (Min:1-Max:2). The LPBF-50-(A to C) samples show a localized
distribution of KAM at higher intensities compared to the LPBF-40-(A7
to C). In the undeformed cases (zone A), the difference in KAM intensity
can be hypothesized due to a difference in residual stresses stored dur-
ing 40 μm- and 50 μm-thick powder layers depositions. Higher KAM
values (Min:4-Max:5) in the LPBF-50-A imply that the stored energy
during 50 μm-thick layers deposition is higher than the 40 μm case nu-
merous LAGBs compromise it. Since the more residual stresses lead to
more dislocations nucleation, and consequently, more stored internal
energy, it can be hypothesized that the LPBF-50 undeformed structure
contains a higher volume of residual stresses compared to the LPBF-40
one. It might be another reason behind the lower strength and ductility
of the LPBF-50 samples. In zone C, the KAM intensity is higher, ranged
within Min:3-Max:4. A higher fraction of intensified KAM values is
again observable in the LPBF-50 sample compared to the LPBF-40 case.
In Fig. 11, the grain size distribution in each zone is presented for
both LPBF-40 and LPBF-50 samples. As seen, the difference in powder
layer thickness does not affect the grain size of the AM product. Zones
A and B present similar trends in grain size variation, where the size of
almost 90% of grains is below 10 μm. However, in the sample collected
from the vicinity of the fracture area (zone c), the majority of grains
(90%) is ranged below 6 μm in size. More specifically, around 50% of
grains in the severely deformed zone C are smaller than 2 μm, while
only 25–30% of the grains in zone A and B are below 3 μm. The average
grain size is also measured and presented in Table 2.
The distribution of the misorientation angle in different zones is
shown in Fig. 12. Fluctuation in data within 30°-60° range is higher in
Fig. 10. EBSD KAM in three different zones shown for (a, b): LPBF-40-A, LPBF-50-A, (c, d): LPBF-40-B, LPBF-50-B, and (e, f): LPBF-40-C, LPBF-50-C.
Fig. 11. Grain size distribution in different zones of the LPBF-40 and LPBF-50 samples.
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the undeformed samples (collected from zone A). In all samples except
the LPBF-40-C, an increase in the fraction ofmisoriented grain ismarked
close to 60°.
The STEM-BF image and corresponding elemental distributionmaps
of the LPBF-40-C and LPBF-50-C samples are shown in Figs. 13 and 14,
respectively. According to distribution maps of Ti, N, Al, and O, the TiN
and Al2O3 are determined as nanoparticles filling the pores that were
made during the manufacturing process [14]. During the tensile defor-
mation, those round Al2O3/TiN core/shell inclusions become elongated
[14], and subsequently, debonding occurs at their interfaces. Since
both inclusions have non-metallic (covalent) bonding through their
structure and their surface wettability during the solidification (before
any further deformation processes) is low, the interface is very prone
to be debonded during stress and strain localization. Consequently, a
narrow flaw between these inclusions can be enlarged and propagated
during the tensile testing. As seen in Fig. 14 (Ti and O subfigures), it can
be seen that the O element is accumulated in peripheral regions of the
crack, while the Ti element keeps its form as an elongated phase at
the centre of the crack. By considering the other elemental maps (like
Table 2
The average grain size for each variation of specimens.
Sample LPBF-40A LPBF-50A LPBF-40B LPBF-50B LPBF-40C LPBF-50C
Average Grain
size (μm)
10.0 9.0 10.5 10.0 4.5 5.0
The associated error was measured to be ±0.5 μm.
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the Al2O3/TiN interface; however, tensile strain leads to flaw expansion
and propagation as a form of internal crack. Dislocations' pile up behind
the crack and adjacent to its tip in the STEM-BF subfigure also confirms
stress accumulation causing further propagation of this defect. In terms
of cracking susceptibility, the grains with growth direction normal to
the {100} plane are more vulnerable to crack nucleation and propaga-
tion, which is in agreement with the ODF maps in Fig. 8, [24] [35]. As a
result, the TiN inclusions are nucleation sites of cracks, and subse-
quently, the fracture is accelerated [38].
Another feature depicted in Fig. 13 is the cellular structure. A trace of
microsegregation in the Ti and Mo distribution maps is observable in a
hexagonal shape. These elements, due to low distribution coefficient
(k0) and high diffusion coefficient (DL) in liquid Fe, are more prone to
be rejected to solid/liquid interface during solidification than those
with high k0 and low DL, e.g. Ni and Mn [39] [40]. Despite Ti alloying el-
ement that tends to segregate into cell boundaries [14], Ni, Co, and Mo
atoms are more prone to be interstitially trapped into the lattice, also
known as solute trapping or banding effect [41]. Fast solid/liquid inter-
face velocity and high cooling rate during the LPBF technique intensify
the reluctance of solute segregation during solidification in which
most of the solute atoms tend to be trapped into the matrix [42]. The
Ni, Co, and Mo atoms can be thermodynamically solid solutionized
into the matrix at low cooling rates. However, due to the fast solidifica-
tion during the AM process, they will be dispersed over the entire mi-
crostructure showing trapping phenomenon. Furthermore, Ti shows
intercellular segregation due to its low distribution coefficient and
high diffusion coefficient [28].
Each alloying element has a different segregation rate depending on
the concentration of the element in solid (Cs,i) and liquid (Cl,i) phases
known as the distribution coefficient defined in Eq. (1). A solid/liquid
interface velocity (R) is considered in the non-equilibrium case leading
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where a0 is the interatomic distance constant andDL,i is the diffusivity of
element i in the interface. The distribution coefficients for Ni, Co,Mo and




Martensitic transformation of the metastable γ phase needs a driv-
ing force to overcome the Gibbs energy barrier, also known as the sad-
dle point in ΔGγ→ά diagram. In 18Ni-300 maraging steel, except the ά
phase formed via γ→ά athermal transformation, the rest of martensite
is formed from the transformation of the metastable retained γ, where
the driving force at room temperature is provided by strain induction
[44] [45]. Since the X-ray has a high interaction volume in the XRD anal-
ysis, the phase fraction results present better statistics. As a result, the
phase fraction studies are conducted using the XRD technique and re-
sults from Fig. 6 shows the elimination of the γ phase after uniaxial ten-
sile deformation. As shown in Fig. 13, the cell boundaries are indicated
as hexagonal cells in the Ti distribution map, where the corresponding
zones in the STEM-BF contain a higher density of dislocations generated
and piled due to the plastic deformation.
Retained austenite tends to remain along the cell boundaries due to
the high concentration of austenite stabilizer alloying elements in these
regions. Jagle et al. [46] and Liu et al. [47] showed that the ultra-low car-
bon steels show less hardenability in regions containing high contents
of Ti,Mo, andNi,whichmeans that Ti in these steels can also act asγ sta-
bilizer. A higher density of dislocations in the retained austenite can be
due to the higher ability of strain hardening in γ rather than ά, which
brings further nucleation of dislocations. A higher density of LAGBs in
Fig. 9 (zone C) has resulted from the dislocation movements, also ob-
served by Liu et al. [48]. Fig. 10 shows a higher mean value of KAM an-
gles in the deformed samples, as another indication of the dislocations
pile-up. In this case, increasing the dislocations density can occur in ei-
ther the cell boundaries or during strain-induced martensitic transfor-
mation [49]. The graph of the misorientation angle in Fig. 12 shows
peaks close to 60°. These peaks indicate twin misorientation in the γ
phase [49], and the drop after deformation is attributed to phase trans-
formation during plastic deformation. Since twinning occurs in the γ
phase at the beginning of deformation, the possibility of mechanical
twinning is reduced, as γ → ά further takes place [50].
4.2. Plastic deformation
The ά phase has higher flow stress than the γ phase. Under tensile
loading, the γ ductile phase embedded into the martensitic matrix is
the first one experiencing the plastic deformation [45]. Moreover, it is
known that in the austenite phase, the dislocation density increases
with strain [51]. In the BCC ά phase with high Peierls stress, the slip
planes are less activated compared to the FCC phase containing lower
Peierls stress. Inmaraging steels with intrinsically low stacking fault en-
ergy (SFE) due to the presence of various solute atoms of alloying ele-
ments within the lattice (Suzuki effect [52]), high Peierls stress of ά
phase remarkably reduces the strain hardening rate of ά compared to
the γ phase. During plastic deformation, the active slip systems of the
FCC γ phase (〈110〉 {111}) and BCC ά phase (〈111〉 {110}{112}{123})
can be observed as shear deformation component in texture analyses.
A weak γ-fibre as a shear deformation component in the FCC structure
is observed in zones A and B (Figs. 5 and 7). In the severely deformed
area in zone C, θ-fibre and γ-fibre components show higher intensities,
which is showing the transformation of the austenite phase into mar-
tensite through the deformation.
Fig. 13. STEM-BF image and corresponding elemental distribution maps in the LPBF-40-C sample.
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strain, which occurs along the grain boundaries. The γ→ά transforma-
tion and the grain refining happen concurrently in zone C, which is con-
firmed in Fig. 11. Zone B, on the other hand, shows no significant change
in the grain size compared to initial grains in the as-built structure (zone
A). It is concluded that zone B is not subjected to large deformation, and
consequently, the strain-induced phase transformation. It is noteworthy
that the deformation occurs under the quasi-static state with no exter-
nal heat source. As a result, the martensitic transformation is not
followed by an irreversible ά → γReverted transformation. Therefore,
the XRD pattern of the severely deformed sample does not show any
γ phase.
The LAGBs distribution andmisorientation correlation through plas-
tic deformation are observed in Figs. 9 and 12 [53]. The misorientation
angle shows multiple peaks that start from 30° and reach a maximum
value close to 60°. During the deformation, the graphs become gentler,
but the gradual increase within 30°-60° is still apparent. These graphs
show the softening trend similar to rolled steels [48].104.3. Strain hardening
Fig. 3 shows two stages of strain hardening through the total defor-
mation. In stage I, between the yield strength (YS) and UTS, where the
samples are exposed to homogeneous plastic deformation, the strain
hardening values are positive; however, the trend of dσ/dε vs. ε is de-
scending. The positive values are resulted from an increase in the num-
ber of dislocations, themore resistance against the dislocationsmobility
and further deformation, while the descending behaviour can be attrib-
uted to progress in strain-induced martensitic transformation [54]. The
austenite phase in stage I is a source ofmechanical twin generation [55].
Twins act as obstacles against dislocationsmovement on the slip planes.
As a result, the structure still keeps strain hardening. On the other side,
since the ά phase contains a considerable number of dislocations, its
under-load lattice is saturated by stored energy. An increase in the den-
sity of dislocations lowers the rate of strain hardening. Therefore, prog-
ress in γ → ά transformation brings less strain hardening due to an
increase in ά volume fraction. Shear bands result in the generation of
Fig. 14. STEM-BF image and corresponding elemental distribution maps in the LPBF-50-C sample (i: dislocations).
S. Shamsdini, M.H. Ghoncheh, M. Sanjari et al. Materials and Design 198 (2021) 109289mechanical twins and stacking faults in the γ{111} planes, which are
followed by the ά phase nucleation [56] [57]. After the peak stress in
which dσ/dε=0, the fully martensitic structure is subjected to geomet-
ric softening caused by the necking effect. Hence, strain softeningwill be
dominant and leads dσ/dε becoming negative.
In Fig. 10, the high-intensity KAM distribution in zone C shows that
high dislocation density spreads along with the material. Besides, the
austenite is first to deform, and the dislocations are formed and piled-
up at the austenite phase along the cell boundaries. Since the austenite
is distributed evenly all over themicrostructure, local dislocationmove-
ments lead to localized strain rate increase followed by localized tem-
perature increase [58] [59]. This process is followed by void formation
and coalescence of microcracks and a reduction in the active cross-
section, the so-called necking effect. It is noteworthy that the deforma-
tion occurs in a quasi-static state without an external heat source in-
volved in the current study. Nevertheless, the dislocation motion
provides the energy source to local heating, resulting in adiabatic11shear band failure. The strain hardening is observed at a negative rate
in this stage in Fig. 3.
5. Conclusions
A comprehensive study on deformation, strain hardening mecha-
nisms, and strain-induced phase transformation of the AM 18Ni-300
maraging steel are conducted. The most important findings of this
study can be mentioned as
• After the athermal γ→ά transformation during the LPBF process, the
retained γ mostly remains along the cell boundaries, the areas
enriched by the solute atoms rejected during melting/solidifying re-
petitive cycles. In terms of segregated atoms, Ti and Mo atoms reveal
a higher tendency of rejection during solidification and accumulation
in cell boundaries. It is related to the low distribution coefficient and
high diffusion rate of these atoms into the liquid Fe.
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of strain hardening rate under uniaxial tensile testing, where more
strain hardening tendency of the retained γ compared to ά brings
positive values of dσ/dε over stage I; however, progress in the mar-
tensitic transformation lowers the values down to zero at peak stress.
After this point, in stage II, negative values of dσ/dε are assigned to
geometric softening effect.
• The material adjacent to the fracture area (zone C) shows a fully mar-
tensitic structure, fine grains, a high fraction of LAGBs, a severe inten-
sity of KAM angles, and a high density of dislocations at the vicinity of
cell boundaries. In this regard, the AM samplemanufactured by depo-
sition of 40 μm-thick powder layers shows a lower fraction of LAGBs,
and consequently, higher resistance against the dislocations slip dur-
ing plastic deformation. Higher strain hardenability and UTS value in
the LPBF-40 sample are due to this difference.
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